The dissimilar welding of aluminum to magnesium is challenging because of the rapid formation of brittle intermetallic compounds (IMC) at the weld interface. An Al-Si coating interlayer was selected to address this problem, based on thermodynamic calculations which predicted that silicon would change the reaction path to avoid formation of the normally observed binary Al-Mg IMC phases (b-Al 3 Mg 2 and c-Al 12 Mg 17 ). Long-term static heat treatments confirmed that a Si-rich coating will preferentially produce the Mg 2 Si phase in competition with the less stable, b-Al 3 Mg 2 and c-Al 12 Mg 17 binary IMC phases, and this reduced the overall reaction layer thickness. However, when an Al-Si clad sheet was tested in a real welding scenario, using the Refill ä friction stir spot welding (FSSW) technique, Mg 2 Si was only produced in very small amounts owing to the much shorter reaction time. Surprisingly, the coating still led to a significant reduction in the IMC reaction layer thickness and the welds exhibited enhanced mechanical performance, with improved strength and fracture energy. This beneficial behavior has been attributed to the softer coating material both reducing the welding temperature and giving rise to the incorporation of Si particles into the reaction layer, which toughened the brittle interfacial IMC phases during crack propagation.
I. INTRODUCTION
ALUMINUM (Al) and Magnesium (Mg) alloys are regarded as ideal candidates for the next generation of more fuel efficient vehicles, because of their low density and high recyclability. [1, 2] This high potential for automotive applications has aroused wide interest in joining Al and Mg components. However, the metallurgical joining of Al and Mg alloys is very challenging, even when employing solid-state welding techniques such as friction stir welding (FSW). [3] [4] [5] [6] [7] [8] This is primarily because the rapid formation of Al-Mg intermetallic compounds (IMCs) at the weld interface leads to severe embrittlement. [3, [6] [7] [8] [9] In dissimilar welding and diffusion bonding, an IMC layer comprised the FCC b-Al 3 Mg 2 and BCC c-Al 12 Mg 17 phases is normally seen to form at the joint interface. [4] [5] [6] [7] 9, 10] The rapid growth of this reaction layer is intrinsically linked to the high diffusion rates of Al and Mg solute, both in each other as a parent solid solution phase and through the Al-Mg IMC phases themselves, when present as a continuous barrier layer at the weld interface. [11, 12] Of the IMC phases present in the binary Al-Mg system, b-Al 3 Mg 2 (the so called 'Samson phase') [13] is regarded as most detrimental to weld performance because: (i) it has the highest growth rate [4, [9] [10] [11] and (ii) has the lowest toughness, [9] and thus provides a preferential crack propagation path along the joint interface. [9, 14] It would therefore be beneficial to implement measures for controlling the extent of IMC reaction in Al-Mg welds and, in particular, to inhibit the production of the b-Al 3 Mg 2 phase.
Two metallurgical approaches could be adopted to achieve this goal. Firstly, a diffusion barrier layer could be employed to physically separate the parent alloys and prevent Al-Mg inter-diffusion. Secondly, by altering the alloy composition, the reaction path could be changed to preferentially form a new phase with a higher stability that has a lower growth rate and better mechanical performance, thereby reducing the thickness of the intermetallic layer and improving its fracture behavior. Both methods could be implemented by applying an appropriate interlayer, in the form of a coating, on the surface of one of the parent alloys. Some success has already been found by other authors who have investigated the potential of various interlayer materials, including Mn and Zn alloys, for improving the dissimilar welding of Mg to Al.
However, the properties and thickness of an interlayer-coating material must also be taken into consideration. For example, previous research that employed a manganese barrier layer produced by physical vapor deposition (PVD) found that thin brittle coatings tended to break up during friction welding, compromising their effectiveness. [15] In this investigation, a potential solution has been examined that combines both the above approaches for controlling the interfacial reaction normally seen in Al to Mg dissimilar welding. Based on thermodynamic considerations (e.g., Reference 20) , a ductile Al-Si coating material has been selected to (i) function as a partial diffusion barrier layer, and (ii) preferentially form a new IMC phase that can suppress the formation of the highly brittle Al-Mg intermetallic compounds normally seen at the joint interface.
The effectiveness of the coating has been examined under both isothermal heat treatment and friction stir spot welding (FSSW) conditions, using the Refillä [21] welding technique. In addition, the intermetallic products formed at the weld interface, with and without the coating layer, have been fully characterized by electron microscopy. The resultant improvement seen in the welds' mechanical properties has also been determined from lap shear tests and the mechanisms involved are discussed.
II. EXPERIMENTAL
All the materials used in the experiments were obtained in the form of 1-mm-thick rolled sheets. A commercial Al-Si clad brazing sheet (denoted as Al(Si)) was selected to test the concept of using an Al-Si alloy coating interlayer to improve the joint performance in Al-Mg dissimilar welds. This material (designated Al(Si)) was manufactured by the 'Novelis Fusion ä ' dual-launder DC co-casting process [22] and had an AA6016 core with an AA4045 (10 pct Si) cladding layer. A further unclad 6XXX series Al alloy, AA6111 (in a T4 temper), was used to prepare Al-Mg baseline samples for comparison purposes. In all cases, a common automotive alloy, AZ31, was adopted as the Mg weld member. The compositions of all the materials employed are provided in Table I .
To compare the IMC interface reaction behavior under controlled conditions, samples were prepared for isothermal inter-diffusion experiments. This involved cutting 30 mm 9 30 mm squares from the 1-mm-thick sheets and cleaning the surfaces by grinding with 320-grit SiC paper, followed by rinsing in ethanol. To obtain intimate surface contact, the different material combinations were first lightly welded together using a 2 kW Sonobond ultrasonic spot welder with a very short welding time of 0.2 seconds, before heat treatment at 673 K (400°C), under argon, for increasing times up to 24 hours. This led to a minimal level of initial reaction with a thin (less than 2 lm thick) discontinuous intermetallic layer already present. [9] The samples were subsequently heat treated isothermally for times up to 100 hours 673 K (400°C) to study the growth behavior and kinetics of the IMC phases produced.
For the welding experiments, the base materials were cut into 25 mm 9 100 mm weld coupons and prepared using the same surface cleaning procedure described above. Spot welds were produced at the center of a 25-mm overlap between the different materials using the Refillä friction welding technique, with a HarmsWende GmbH RPS100, machine. Standard welding parameters were adopted that had previously been optimized by the current authors for dissimilar welding of Al-Mg. [23, 24] This involved using the shoulder first plunge sequence, with a rotation rate of 2000 rpm and a welding duration of 1 seconds. During welding, the Mg alloy was positioned as the top sheet through which the tool was plunged, while the coated and uncoated Al sheets were used as the bottom weld member. The plunge depth was controlled to be the same as the top sheet thickness (1 mm), so that the tool would not penetrate through the coating material. Full details can be found in Reference 24.
For microstructural observation, the dissimilar joints were sectioned perpendicular to the rolling direction (RD), in the ND-TD plane (normal and transverse directions) using a thin diamond wheel slow-saw. The cross sections were ground and polished using oil-based diamond paste, finishing with an oxide particle suspension (OPS), before metallographic examination. For some samples a further step was applied of broad ion beam milling using a Gatan Illion II System, to obtain a strain-free surface for high-resolution EBSD characterization. BSE imaging and EBSD mapping were carried out in an FEI Magellan HR FEG-SEM. TEM samples were prepared by focused ion beam milling with an FEI Quanta FIB and analyzed in an FEI Tecnai G2 30 TEM equipped with an EDX detector. The thickness of the reaction layers was measured by image analysis from the area of each phase divided by the interface length in the image. Multiple images (~10) and different positions were used across each joint interface to obtain an average measurement. This was particularly important in the friction stir spot welds where the reaction layer was not uniform in thickness, owing to the greater rate of heat generation under the tool sleeve.
Tensile tests of the substrate materials and lap shear tests of the dissimilar weld samples were conducted at a loading rate of 1 mm/min, using a 50 kN Instron. The interface temperatures reached during FSSW were measured with 0.5-mm k-type thermocouples positioned in a matching 0.5-mm groove, machined in the surface of the Al sheet and placed directly under the sleeve plunge position.
III. RESULTS AND DISCUSSION

A. Selection of the Coating Material
Following thermodynamic assessment of alternative IMC phases to those in the Al-Mg binary system, an Al-Si interlayer material was identified as having potential for controlling interface reaction in Al-Mg dissimilar welding for four main reasons. Firstly, as discussed below, Si is predicted to react with Mg to form the thermodynamically more stable compound-Mg 2 Si, which should substitute for the Al-Mg binary b-Al 3 Mg 2 and BCC c-Al 12 Mg 17 phases. [20] Secondly, pure Al and Si form a eutectic system in which no intermetallic phases exist and the solubility of Si in Al is low (maximum 1.5 wt pct) [25] ; as a result, excessive Si is present in the Al matrix as elemental particles. Given that Al diffusivity in Si is substantially lower than in Mg (D mg~1 0 À16 m 2 /s [26] vs D Si~1 0 À9 to 10 À11 m 2 /s [27] at the peak welding temperatures typically seen in FSSW of Al to Mg at [673 K (400°C)], the Si phase can also function as a discontinuous diffusion barrier and retard Al-Mg inter-diffusion. In addition, Al-Si alloys have good ductility, which is essential for maintaining a continuous interlayer during FSSW and silicon is widely used in Al alloys and can be added in considerable concentrations by casting, which is convenient for manufacturing a coating material. Figure 1 compares the binary Al-Mg phase diagram to an isopleth at 10 wt pct Si in the ternary Al-Mg-Si system, calculated using the PANDATä thermodynamic software package with the aluminum database Al2012. It can be seen that Si is expected to have a limited direct effect on the Al-Mg binary phase reactions (including their stability, and reaction temperatures, etc.,) as in the composition range of interest it is not predicted to form any ternary compounds. However, Mg 2 Si is predicted to coexist with other Al-Mg phases over a wide composition range (from about 20 to 90 wt pct Mg) at both low and elevated temperatures. By calculating the Gibbs free energies of formation for all the IMC phases (shown in Figure 1(b) ), it is clear that Mg 2 Si is thermodynamically much more stable than both Al 3 Mg 2 and Al 12 Mg 17, [20] with approximately a 30 pct lower Gibbs free energy of formation (Figure 1(c) ). These predictions therefore suggest that if an Al-Si interlayer coating is used, the Mg 2 Si phase has a strong tendency to form in preference to the binary Al-Mg phases normally seen during dissimilar welding.
In addition, it is worth noting that Mg 2 Si has superior mechanical properties to the Al-Mg binary IMC phases. For example, Mg 2 Si has previously been synthesized as a reinforcing phase in metal matrix composites. [28] Compared to the binary Al-Mg IMCs normally produced in welding, Mg 2 Si also exhibits overall better physical properties including a higher melting point and greater elastic moduli [29] [30] [31] [32] [33] [34] [35] [36] [37] [38] [39] [40] [41] (Table II) , which reflects stronger interatomic bonding between Mg and Si relative to Al and Mg. The substitution of Mg 2 Si for Al 3 Mg 2 and Al 12 Mg 17 may therefore also be expected to improve the poor resistance to crack propagation through the IMC interfacial layer seen in Al-Mg dissimilar welds. [6, 9, 14] B. Characterization of the Al-Si Clad Sheet
The Al-Si coated material selected for this study was a commercial Al-Si clad brazing sheet (Table I) . As shown in Figure 2 , the clad layer was about 100 lm in thickness. The Al-Si cladding also had a relatively sharp interface with the core alloy and contained a uniform distribution of 2 to 5 lm diameter broken-up and spheroidized eutectic Si particles, with some smaller Si particles present in the matrix.
C. Static Diffusion Experiments
Characterization of the interfacial reaction products
In Figure 3 , the extent of IMC reaction seen in the clad Al(Si)-AZ31 Mg sample is compared to that of the uncoated AA6111 Al-Mg baseline, after a prolonged isothermal heat treatment of 673 K (400°C) for 24 hours. From this figure, it is immediately apparent that in the sample prepared with the Al(Si) clad sheet the total IMC reaction layer was about half as thick as that seen for the conventional uncoated Al sample. In addition, in the sample prepared with the unclad sheet, the interface region exhibited a continuous and uniformly thick IMC layer comprised of two well-defined sublayers. In contrast, as well as being about 50 pct thinner, the interfacial reaction layer in the Al(Si) clad sample was more complex and contained an additional phase consisting of irregular-shaped dark particles, embedded within the IMC matrix phase (Figure 3(c) ). These particles were aligned normal to the interface, suggesting a tendency to grow parallel to the Al-Mg inter-diffusion direction ( Figure 3(c) ).
Microanalysis (EDX) and diffraction techniques (EBSD, EDX, and TEM) were used to identify the phases present in each IMC reaction layer. By using EBSD phase identification ( Figure 3(b) ), in the AA6111 Al-Mg baseline sample, the two sublayers in the interfacial reaction layer were indexed to be Al 12 Mg 17 and Al 3 Mg 2 . The Al 3 Mg 2 b-phase was situated on the Al side of the interface and formed the thicker, more dominant, IMC layer. This is consistent with previous observations [9] [10] [11] where in similar binary Al-Mg diffusion couple experiments the b phase has been reported to have a higher growth rate, but forms after the c phase and grows by consuming c as well as growing into the Al substrate. [9, 10] From higher magnification EBSD analysis of the region shown in Figure 3 (c) (white rectangle) it can be seen that the interface in the Al(Si)-Mg samples also consisted of two Al-Mg IMC layers (although this is not as apparent in the SEM image) with irregular second phase particles being present in the lower sublayer ( Figure 3(d) ). Similar to in the baseline sample, the (upper) IMC sublayer adjacent to the Mg sheet was indexed to be the c-Al 12 Mg 17 binary Al-Mg phase and that next to the Al substrate the b-Al 3 Mg 2 phase. However, EBSD phase identification of the irregular-shaped particles in the lower sublayer was inconclusive as they were indexed to be either Mg 2 Si or Si (Figure 3 [723 (450)] [20] 22.1 to 23.4 [29] 3.5 [10] 60 [10] 50 [31] Al 12 Mg 17 2.09 [32] [710 (437)] [20] 23.9 [33] 3.3 [10] 2.5 [34] 78 [33] 70 [10, 35] Mg 2 Si 1.99 9 10
À3 [36] [1358 (1085)] [20] 7.5 [37, 39] 4.1 [40] 113.5 [41] 76 [40] 120 [41] Within the overall reaction layer, the Mg 2 Si particles were mainly found to be located in the lower b-Al 3 Mg 2 phase sublayer, which formed the matrix between the particles (Figure 3 ). This occurred because the b phase grew into the Al side of the weld, and also consumed the c phase. In comparison, the c phase grew into the Mg substrate where there were no Si particles originally present. Consequently, the c phase sublayer did not develop any Mg 2 Si particles because Si from the original cladding alloy reacted readily with the surrounding Mg in the b phase matrix and was not able to diffuse sufficiently far from the original Al interface position to react with c.
However, some Mg 2 Si particles were found to penetrate slightly in to the Al-Si cladding alloy immediately below the IMC layer to a depth of about 70 lm (Figure 4) where there would be expected to be a relatively low Mg concentration. Overall, these results are therefore in good agreement with the thermodynamic calculations discussed above, which predicted that Mg 2 Si had the lowest Gibbs free energy of formation of all the intermetallic compounds in the Al-Mg-Si system and can coexist with the Al-Mg binary phases over a wide range of compositions at average Si concentrations equivalent to that in the cladding alloy (see Figure 1 ).
Reaction layer growth kinetics
Further evidence of the effectiveness of the Al-Si coating in retarding the growth rate of the IMC reaction layer, under long-term static conditions, is provided in Figure 5 . In this figure the thickening rates of the total reaction layer, and individual c-Al 12 Mg 17 and b-Al 3 Mg 2 sublayers, are compared between samples produced with coated and uncoated aluminum sheets during extended heat treatment up to 120 hours at 673 K (400°C). From Figure 5 (b), it can be seen that growth rate of the Al 3 Mg 2 b-phase was in particular greatly inhibited by the presence of the Al-Si cladding alloy and exhibited a much slower increase in thickness, whereas the Al 12 Mg 17 c-phase that formed on the Mg side of the joint ( Figure 5(a) ) was in fact found to have a slightly higher thickening rate than seen in the control sample. The substantial (approximately 50 pct) reduction in the overall Al-Mg intermetallic layer thickness achieved by the application of the Al-Si coating in Figure 5 can, therefore, mainly be attributed to a reduction in the growth rate of the b IMC sublayer. The b IMC sublayer also grew more slowly into the c phase, which increased its residual thickness ( Figure 5(a) ).
D. The Effectiveness of the Al-Si Coating Under Static Conditions
The above results show that the concept of introducing an Al-Si interlayer between Al and Mg parent alloys in dissimilar welds has proved successful in reducing the IMC reaction rate during long-term thermal exposure. In particular, the cladding layer has been most effective in inhibiting the development of the b phase. The successful behavior of the coating under long-term heat treatment conditions can be explained by two main factors. Firstly, Mg that diffuses across the interface into the Al side of the joint reacts preferentially with the Si present in the cladding layer to form the Mg 2 Si phase. This results in the Al 3 Mg 2 -b phase sublayer being in competition for Mg solute with the thermodynamically more stable Mg 2 Si phase. Reaction with Si removes Mg from the matrix, and the growth rate of the Al 3 Mg 2 phase is consequently greatly reduced ( Figure 5(a) ). This in turn has significantly affected the overall reaction layer thickness as b is the fastest growing phase within the dual phase IMC layer and also reduced its rate of growth in to the c phase.
Secondly, the development of a large local volume fraction of second phase particles that have a low diffusivity for Al and Mg, have partially blocked Al-Mg inter-diffusion by forming a porous barrier layer. In the early stages of the reaction, the particles present were mainly Si, which has near-zero solubility for Al or Mg. [42] Initially, the Si particles had a relatively low volume fraction (10 pct) and were dispersed in the cladding material; so at the start of the heat treatment their ability to act as a diffusion barrier would be expected to be limited. However, after longer heat treatment times the coarser Mg 2 Si particles that developed started to interconnect. With increasing time, this would progressively form a more impermeable barrier that would help to decrease the rate of Al and Mg inter-diffusion and thus also reduce the IMC layer growth rate.
E. FSSW Experiments
In this study, the Refillä friction stir spot welding process was adopted for producing Al-Mg dissimilar joints to test the performance of the Al-Si coating alloy in real welds. The welds were completed in a welding cycle of 1 seconds with previously optimized parameters. [23, 24] With such a rapid welding cycle, any interfacial reaction will be occurring under highly transient conditions. [43] In addition, high strain-rate deformation near the interface region, where there are typically large shear gradients, can substantially influence any reaction process by intercalating (or 'mixing') the two weld members and breaking up and re-distributing the reaction products. [44, 45] 1. Interfacial reaction in FSSW Figure 6 provides examples of typical cross sections of the dissimilar Refill TM FSSW joints produced between the baseline, bare, AA6111 sheet and the Al(Si) clad 6061 alloy and Mg-AZ31. The sleeve and pin plunge areas have been marked on the images and it can be seen that there has been minimal penetration of the tool into the bottom sheet. Both sets of welds with the coated and uncoated Al sheets were produced under identical conditions and importantly, although slightly thinner across the weld area, the Al-Si cladding layer can be observed to still be continuous in the Al(Si)-Mg joint ( Figure 6(b) ).
SEM BSE images of the selected sites (A-D) in the uncoated Al-Mg baseline sample (Figures 7(a) through  (d) ) show an IMC bi-layer across the majority of the weld interface. Owing to the very short weld cycle, on average, the total IMC layer had a thickness of only about 4.5 to 7 lm (Table III) . For the unclad samples, the reaction products were identified to consist of a thicker layer of Al 12 Mg 17 , which formed first in the reaction sequence on the Mg side, and a thinner Al 3 Mg 2 layer (about 1 lm thick) which nucleated on the Al side of the joint. In comparison to the samples prepared by long-term static annealing, the b phase was therefore less developed. In addition, there was some evidence of 'mixing' under the sleeve region at the edge of the weld (position E in Figure 7(a) ), which will be discussed further below.
In comparison to the welds produced with the bare Al sheet, the interfacial reaction layer in the clad Al(Si)-Mg weld samples was more heterogeneous. In particular, in Figures 7(e) though (h), it can be seen that it contained intercalated layers of different contrast under the sleeve plunge area, and coarse round particles present within the IMC reaction layer of similar size and appearance to the Si particles seen in the original cladding alloy (Figure 2(b) ). Due to its heterogeneity, the overall IMC layer thickness was difficult to measure, but was on average thinner than for the control samples with a range of 3 to 4.5 lm (Table III) .
To better understand this more complex interface structure, TEM analysis was performed to study the intercalated layers near the edge of the weld and the behavior of the Si particles (sites D and B in Figure 6 (b)). Figure 8(a) shows a low-magnification Scanning Transmission Electron Microscope (STEM) image of a sample obtained by FIB milling from a location similar to that in the 'box' indicated in Figure 7 (e) which reveals a multi-layer structure distinguished by different crystallite sizes. EDX analysis across the interface (the dashed line in Figure 8(a) ) indicates that these layers had a composition corresponding to, either an Al-or Mg-rich solid solution, separated by bands of Al-Mg intermetallic phases, as shown in Figure 8(b) . TEM SAD patterns (Figure 8(c) through (e)) confirmed that, due to the deformation caused by the tool, the parent materials were 'mixed' at this interface position and during the welding process finely dispersed Al-Mg binary IMC phases, were produced between intercalated layers of the Al and Mg parent alloys. These IMC particles were mainly identified to be the Al 12 Mg 17 phase.
With the optimized welding conditions used in this study, the welding tool had a penetration depth of 1 mm, which was approximately the same as the thicknesses of the Mg top sheet. During FSSW, the sleeve and pin thus barely touched the upper surface of the Al sheets. Hence, material flow only occurred very locally in the Al bottom sheet surface, where there would be expected to be a large shear gradient in ND. As a result, mixing between the Al and Mg alloys at the sheet surface would be expected to be strongly affected by both the contact conditions and material flow behavior.
The Al-Si cladding alloy employed had a hardness level of only 55 H V , compared to 90 H V for AA6111 and 76 HV for the AZ31 alloy. Hence, it was much softer than the AA6111 baseline alloy and, even though identical welding parameters were used, more deformation was induced in the softer surface of the Al-Si coated Al sheet during the tool plunge. This difference in yield strength in the surface layer can thus explain the fact that intercalated layers were mainly observed at the interface of welds produced with the clad Al sheet. (Note: the IMC interphase mixing seen in Figure 7 (a) is caused by local melting and will be discussed below). Rapid intermetallic reaction would have taken place at the freshly exposed interfaces between the intercalated Al and Mg layers formed during the welding process. However, as this occurred simultaneously with deformation, it resulted in the production of a mechanically dispersed band of fine IMC particles, seen at the interface between each magnesium and aluminum layer in Figure 8 (a). Continued reaction would also be expected after deformation during the tool withdrawal stage, which would subsequently cause a non-dispersed, continuous, IMC layer to develop in the final weld.
Si particles from the cladding layer were transported into the intercalated reaction region by the shearing action of the welding tool, as indicated by the high level of Si detected from some grains in this area (Figure 8(b) ). One such particle, labeled D in Figure 8(a) , is shown in more detail in Figure 9 ; however, TEM analysis gave no evidence for the widespread formation of Mg 2 Si. SAD patterns taken from Si-crystallites present at the weld interface (marked with D in Figures 8(a) and 9(a) ) indicated that they remained primarily as an elemental Si particles (Figure 9(b) ). Small precipitates of about 100 nm in size were observed to form at the interface between the Si grains and the Al matrix, but were too small to fully isolate without employing higher resolution methods. EDX analysis in the TEM measured significant levels of Al, Mg, and Si (Figure 9(e) ). These very small particles are thus probably the Mg 2 Si phase, with a background Al signature, but it is also possible that they could be an Al-Mg-Si ternary metastable phase that have been reported to form prior to the Mg 2 Si phase under transient conditions. [46, 47] Under friction spot welding conditions, the Si particles were therefore found to only react very locally with Mg and it can be concluded that Si had little effect on inhibiting the Al-Mg binary IMC reactions. This low level of local reaction would also not be expected to greatly affect the mechanical properties of the welds. The average thicknesses of the reaction layer found at the interface positions in Figure 6 are provided in Table III . For both sample types, the IMC layer tended to be thicker under the sleeve plunge area than at the center of each weld. This is not surprising, as in the Refill FSW process the highest weld temperatures are known to be reached under the sleeve where there is the greatest relative tool surface velocity. [24, 44, 45, 48] However, when compared to the baseline sample, prepared under identical conditions, the Al(Si)-Mg joint exhibited an overall reduction of about 30 pct in the thickness of the reaction layer, despite not forming a significant quantity of Mg 2 Si. As discussed above, this improvement may be partly related to more mixing occurring with the softer cladding layer, which would be expected lead to greater dispersal of the reaction products, but another important factor to consider is if the same interface temperature was reached for each set of welds.
Weld interface temperatures
The weld interface temperature is a critical parameter that can have both thermodynamic and kinetic effects on intermetallic reactions in dissimilar joints. In this study, care was taken to measure the maximum interface temperature as reliably as possible. Thin (0.5-mm) thermal couples were accurately pre-placed in a tight fitting groove machined in the surface of the Al sheet at the joint interface with the tip located under the center of the sleeve plunge area, where the highest temperatures are experienced. The measurements were repeated several times with good repeatability [Ç 3 K (À270°C)] and only the average from the highest three readings recorded. Typical temperature profiles recorded from the two dissimilar weld combinations are shown in Figure 10 . Both temperature histories exhibit an initial steep heating rate, when the sleeve plunges, followed by a drop and inflection as the sleeve withdraws and the pin pushes back the expelled material. [24, 43] There is then a slower cooling rate stage after the tool withdraws. Overall, it can be seen that the weld thermal cycle was completed in under two seconds, although the tool workpiece contact only lasted one second. Despite the similar appearance of the profiles, it is notable that the clad Al(Si)-Mg sample had a peak temperature nearly 30 K (À243°C) lower than that of the baseline Al-Mg welds.
It is interesting that the peak temperatures measured coincide with significant liquation reaction temperatures in the Al-Mg/Si alloy systems. In both joints, the interfacial reactions throughout the weld zone predominantly occurred in the solid state, as can be seen from Figure 7 . However, some local melting was observed at the extreme edge of the weld nugget (such as at site E and D in Figure 6 ) where the highest temperature rise is expected. [7, 24, 43, 48] The temperature for the eutectic reaction (Mg) + c fi L occurs at approximately 709 K (436°C) by thermodynamic calculation (Figure 1(b) ). This is just above the peak temperature measured in the clad Al(Si)-Mg sample [698 K (425°C) Figure 10 ], but must have been exceeded locally as small solidified areas containing a eutectic mixture of Al 12 Mg 17 and Mg can be observed on the Mg side of the joint (Figures 11(c) and (d) 
In contrast, in the Al-Mg baseline sample, although the Al 3 Mg 2 phase was also found to have melted locally under the tool shoulder during welding, it exhibited a different solidification behavior with a b phase dendritic structure found growing within the c phase at the Al interface (Figures 11(a) and (b) ). Comparison with the phase diagram in Figure 1(a) suggests that a local temperature of at least 723 K (450°C) would be needed in order to produce this microstructure. This again agrees well with the average peak interface temperature measured under the shoulder in these joints, which was 725 K (452°C).
Both the thermal measurements and the microstructural observations thus indicate that the Al-Si coating led to a noticeable reduction in weld temperature, which was beneficial in controlling the intermetallic reaction rate across the joint interface. Why a higher peak temperature was reached in the unclad sample, despite liquation being expected to limit heat generation and being possible in both welds at a similar minimum temperature, is still unclear. However, a possible explanation is that the contact conditions would be different between the softer cladding material and the Mg sheet. In addition, the cladding alloy would have a lower flow stress and rate of flow stress change with temperature, compared to the stronger 6000 series alloy. This could have led to less overall power being dissipated, or a more uniform distribution of energy across the joint interface.
F. Weld Mechanical Properties
For experimental convenience, an Al-Si clad commercial 6016 sheet was employed to test the concept of using an Al-Si coating to control the detrimental interfacial reactions that are normally found in dissimilar Al-Mg welds. The results obtained for the clad material have, however, been compared to baseline welds prepared with a more common 6111 alloy. Although both alloys belong to the 6xxx series, their mechanical properties are slightly different and the 100 lm Al-Si cladding made up a significant proportion of the 1 mm thickness of the 6016 sheet. In order to evaluate the effect of the Al-Si coating on the mechanical performance of the welds, it was therefore important to first assess the tensile behavior of the substrate materials. Table IV summarizes the tensile properties of the Al(Si) clad 6016 and 6111 sheet alloys used in this study, with data for the AZ31 Mg alloy for reference purposes. It can be seen that in comparison to 6111, the Al(Si) clad sheet exhibited better ductility, while its yield strength was~25 pct lower than for 6111.
In Figure 12 (a), lap shear test results for the Al(Si)-Mg and Al-Mg dissimilar joints are compared to those for Mg-Mg similar joints prepared under identical conditions. Although the Al(Si) clad 6016 sheet had a lower yield stress, the Al-Si coating still led to a marked increase (about 20 pct higher) in the weld's average peak failure load, compared to that of the unclad 6111-Mg welds. Encouragingly, this joint strength was nearly the same as that (97 pct) of the Mg-Mg similar welds, shown for comparison purposes. In addition, comparison of typical loading curves from lap shear tests for the dissimilar joints in (Figure 12(b) ) shows that the Al(Si)-Mg welds also had a higher failure energy, with the area under the stress-strain curve being~30 pct larger than for the unclad Al-Mg baseline weld.
As well as correlating to a thinner IMC reaction layer, the enhanced mechanical performance of the dissimilar joints made with the coated Al(Si) sheet was also found to be associated with a change in fracture behavior. As illustrated in Figures 13(a) and (b) , in both the coated and uncoated dissimilar joints interface failure occurred during the lap shear tests, indicating that in each case their mechanical performance was still adversely affected by intermetallic reaction. However, in the Al-Mg baseline samples, cracks propagated within the intermetallic layer in a highly brittle fashion, with a planar path parallel to the interface with little crack bifurcation and few ligaments observed (Figure 13(a) ). A similar crack propagation behavior has been reported by other researchers and leads to the poor joint performance generally reported for Al-Mg dissimilar welds. [3] [4] [5] [6] [7] [8] [9] In contrast, in the Al(Si) clad samples, cracks were found to be deflected by the Si particles embedded in the thinner IMC reaction layers (Figure 13(b) ). Therefore, in addition to the reduced IMC layer thickness seen in the clad dissimilar welds, a more complex mix-mode failure also contributed to their higher fracture energy and improved joint efficiency.
G. The Effectiveness of the Al-Si Coating in Improving Joint Properties During FSSW In this study a major reason for introducing a Si-rich clad layer in dissimilar welding of Al and Mg was to try to change the reaction path to promote preferential formation of the Mg 2 Si phase. Although the Mg 2 Si phase was synthesized in static heat treated samples, it was found to be absent in the Refill welds in any significant volume fraction, which compromised the efficacy of the coating, in terms of its ability for interfacial reaction control. This result is not totally surprising, given the very limited time available for diffusion, with a weld duration of only 1 second, and that nearly all the Si was held in relatively coarse-dispersed particles 2 to 3 microns in diameter. Hence, under transient welding conditions, there was not sufficient time for Si to react as significantly with the Mg in the matrix. However, when considered overall, the results are encouraging and suggest that if a coating could be developed with much finer nano-scale Si precipitates (e.g., by rapid solidification) it could be more effective in a welding situation.
In spite of the Si particles not reacting with Mg sufficiently rapidly during a rapid thermal cycle to directly influence the interfacial IMC reaction process, the Al-Si coating still proved successful in reducing the thickness of the IMC reaction layer formed at the weld interface. However, this was found to be linked to a reduction in the peak weld temperature by 30 K (À243°C), which retarded the growth of the Al-Mg IMCs. In addition, the softer surface of the coated aluminum sheet caused the IMC particles to be more redistributed by greater material flow during weld formation. Thus, a softer coating may also be an advantage in terms of achieving better bonding in the FSSW process. When welding dissimilar metals, after complete bonding is achieved, the joint fracture energy typically rapidly reduces with increasing thickness of any IMC reaction layer at the interface. [3] Therefore, the increase in strength and fracture energy seen for the dissimilar welds produced with the Al-(Si) clad sheet can be attributed to the combined effects of the coating reducing the thickness of the Al-Mg intermetallic reaction layer, together with more material interface mixing and the presence of Si particles within the IMC phase toughening the interfacial layer.
IV. CONCLUSIONS
Following an initial thermodynamic assessment, an Al-Si alloy was identified as a promising coating material that could potentially change the reaction path and reduce the detrimental effects of IMC reactions normally seen in Al-Mg dissimilar welds. Under both static annealing and welding conditions, the Al-Si coating investigated was shown to be successful in improving the performance of the dissimilar joints, by reducing the IMC layer thickness.
Thermodynamic calculations indicated that, with an Al-Si coating alloy, the Mg 2 Si phase will be preferentially synthesized in an Al-Mg diffusion couple and substitute for the undesirable binary Al-Mg phases. Long-term isothermal static annealing experiments confirmed that the Mg 2 Si phase formed at the Al-Mg joint interface and reduced the thickening rate of the faster growing b-phase. As a result, the entire IMC layer thickness was reduced by~50 pct. However, when welded with the Refillä FSSW process, Mg 2 Si was not detected in any significant volume as the very short weld duration (less than 1 second) and the relatively large size of the Si particles compromised the efficacy of the coating material under rapid welding conditions. Despite not behaving as intended, the softer Al(Si) cladding layer still significantly reduced the IMC thicknesses during welding due to its indirect effect on reducing the peak weld temperature. In addition, when the coating was applied, the fracture energy of the Al-Mg dissimilar welds was significantly increased and their lap shear strength improved to as high as 97 pct of the Mg-Mg, similar, baseline welds. This substantial improvement was shown to be caused, not just by a reduction in the IMC layer thickness, but also from the more intercalated interface and Si particles incorporated into the IMC reaction layer toughening the interface reaction layer.
Finally, the results suggest that it would be desirable to obtain a coating material containing Si precipitates of a much smaller size, so that the capability demonstrated in the static heat treatments for controlling Al-Mg interfacial reactions could be fully realized during a more rapid welding process.
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